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Ion implantation into a-SiO2 leads to the self-assembly of nanocrystal arrays having application in optical
and nonvolatile memory devices. It was recently noted that nanocrystal nucleation occurs in oxide regions
exhibiting variations in oxygen concentration resulting from preferential sputtering. Here we report quantum-
mechanical calculations that probe the atomic-scale dynamics following ion-induced low-energy recoils and
show that preferential sputtering does not result directly from short-time collisional processes. These processes
do, however, result in a population of loosely bound oxygen atoms connected to the amorphous network by a
single Si-O bond. Thus, the well-known diffusion and relaxation processes that control stable defect formation
at long times following recoil events lead to variations in O concentration in damaged regions.
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Ion beam modification of surface and bulk material prop-
erties continues to generate significant interest as an inexpen-
sive method for producing nanoscale features in electronic
and optical devices. Recently, ion implantation of a-SiO2
with group-IV or metallic ions followed by annealing has
been shown to result in the self-assembly of electrically
and/or optically active nanocrystals within the a-SiO2
matrix.1,2 Studies have highlighted the importance of inci-
dent ion energy and flux,3–6 as well as annealing time, tem-
perature, and atmosphere,6,7 as factors controlling the depth,
size, uniformity, optical, and electronic properties of nano-
crystal arrays in a-SiO2. Optimizing processing parameters
for controlled fabrication of uniform nanocrystal arrays de-
pends on the development of a detailed atomic-scale under-
standing connecting implant conditions to nanocrystal nucle-
ation and growth.

A recent study8 probing the relationship between implant
conditions and resulting nanocrystal properties has shown
that stoichiometric imbalances involving O-rich and O-poor
regions appear in a-SiO2 during implantation. These varia-
tions in relative Si and O concentration—as well as the ion-
induced nanocrystals themselves—occur in the incident ion
end-of-range region where ion-induced effects are dominated
by low-energy ��1 keV� atomic recoils. Other studies9–11

have previously suggested that similar variations in O con-
centration play a role in controlling nanocrystal nucleation
and growth. The appearance of concentration variations in
implanted a-SiO2 has been attributed to preferential O scat-
tering or sputtering.8 Ion-induced scattering occurs when
atomic recoils result in mass transport within the target bulk,
while sputtering is the removal of atoms resulting from near-
surface scattering �e.g., for low-energy implants having shal-
low end-of-range regions�. Preferential O sputtering has been
observed in the context of oxide decomposition during ion
implantation12–14 and electron or ion beam nanopore
formation.15,16 To date, the relative roles of ballistic cascade
effects and thermal diffusion effects in preferential sputtering
have not been fully elucidated. Determining which class of
mechanisms controls preferential sputtering will provide in-
sight into the optimization of implant parameters for ion
beam assisted nucleation of nanocrystal arrays.

Molecular dynamics �MD� simulations have been widely

applied to study the dynamic atomic-scale processes occur-
ring during ion implantation and sputtering.17,18 Using vari-
ous models for interatomic interactions, MD methods have
allowed many-atom simulations of the atomic motions in
systems during and/or following ion-induced collision cas-
cades, including in SiO2.19,20 Dynamical calculations based
on density-functional theory and employing highly accurate
quantum-mechanical descriptions of the interatomic forces
have been previously conducted to determine the threshold
displacement energy in SiC �Refs. 21 and 22� and crystalline
Si.23 Similar calculations have also highlighted the role of
complex, many-body, bond-breaking, and bond-forming
events in controlling collisional processes in ion-induced
cascades in bulk Si.24 Overall, it has been generally acknowl-
edged that diffusion and relaxation processing following re-
coil events dominate the process of stable defect
formation.17,19,21,22

In this Brief Report we report results of first-principles
density-functional calculations of the dynamics of low-
energy recoils in a-SiO2 designed to test the alternative hy-
pothesis that direct collisional processes alone can result in
the preferential O sputtering previously reported in a-SiO2.
We show that for low-energy �100 eV� Si and O recoils,
recoil energy dissipation involves tens of atoms and leads to
the formation of numerous network defects, analogous to the
amorphous pocket formation reported elsewhere for medium
energy ��1 keV� recoils.17 We find that for times up to the
end of direct collisional processes and the beginning of
thermally activated relaxation and diffusion processes
��100 fs�, no stoichiometric imbalances appear. However,
the nature of the network defects generated by low-energy
recoils in a-SiO2 contributes to the appearance of concentra-
tion variations during diffusion, supporting the conclusion
that preferential sputtering and resulting changes in relative
Si and O concentration are a product of previously studied
long-time diffusion and relaxation processes. Finally we
highlight that the high density of Si dangling bonds gener-
ated in the recoil region represents highly reactive centers for
the nucleation of nanocrystals.

The dynamics of low-energy Si and O recoils were mod-
eled in 192 atom periodic a-SiO2 supercells generated using
a Monte Carlo bond switching method.25,26 In separate simu-
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lations, recoil atoms of each species were assigned initial
velocities corresponding to a kinetic energy of Er=100 eV
to represent the low-energy recoils which dominate in the
end-of-range region. Five recoil directions for each species
were selected, sampling a range of recoil paths in the a-SiO2
network. Interatomic forces were calculated using density-
functional theory, the local-density approximation,27 ultrasoft
pseudopotentials,28 and a plane-wave basis with an energy
cutoff of 540 eV. Eigenvalues were calculated at the recipro-
cal space point � 1

4 , 1
4 , 1

4 �. Atomic motions were calculated ac-
cording to Newton’s equations and the calculated forces for
time steps of 0.38 �Si recoils� and 0.29 �O recoils� fs. The
time steps were chosen so no atom traveled �0.1 Å in any
time step. No thermostat is applied during the calculations;
thus the sum of the kinetic energy and potential energy of the
system is constant. The use of pseudopotentials to describe
the ion cores is appropriate for the kinetic energies consid-
ered here as determined based on test calculations of binary
collisions, and on the results of an extensive previous
study.29

The results of a recent study8 show that O atoms are pref-
erentially scattered along the direction of the incident beam
during implantation. This leads to an O-rich region just be-
yond the incident ion end of range. Studies of oxide decom-
position during ion irradiation find similar O-rich and O-poor
regions, or, simply, that O is preferentially removed from the
implanted region.12–14 In either case, species selectivity lead-
ing to relative variations in target concentration corresponds
to either �i� a preferential dissipation of recoil energy to O
atoms during direct collisional processes or �ii� to an en-
hanced outdiffusion of O on longer time scales. To isolate
and study process �i�, that is, the direct collisional effects of
atomic recoils in a-SiO2, we focus on the state of the system
during the initial 58 and 76 fs after O or Si recoils, respec-
tively. At longer times the recoil energy is widely distributed
within the target, and further dynamics are governed by re-
laxation and thermal diffusion processes. The difference be-
tween the simulation times leading up to the crossover to
thermal processes for O and Si recoils arises because the
ion-target collisions that dissipate ion energy to the target
occur within a shorter time window for the lower mass, and
therefore faster moving �v��Er /m�, O ions. In addition, the
crossover times employed here are consistent with the exis-

tence, reported in a previous study,22 of a “point of no return”
for ballistic damage formation occurring �70 fs after 20 eV
recoils. For v��Er /m, the comparable time for 100 eV re-
coils �as studied here� is �30 fs.

Figure 1 shows a-SiO2 structures following the direct col-
lisional phase of system evolution after representative O ��a�
and �b�� and Si ��c� and �d�� 100 eV recoils. Panels �a� and
�c� highlight the dynamic network defects formed during
each recoil event. These defects are not necessarily stable,
final-state defects that will survive long-time relaxation and
diffusive processes. Rather, these defects represent the dy-
namic disorder induced in the network structure of a-SiO2 as
a direct result of the ballistic collision cascade. Defects are
identified by examining the nearest-neighbor configurations
of each atom. Bonds between neighbors are taken to be
present when neighbor distances are �1.6, 1.9, and 2.6 Å
for O-O, Si-O, and Si-Si neighbors, respectively, and are
shown with sticks in Fig. 1. Undercoordinated Si and O at-
oms are considered to have one or more dangling bonds and
are shown as dark balls �blue and red, respectively, in online
version�. Light balls �light blue and pink in online version�
are overcoordinated Si and O atoms, and large balls indicate
atoms with self-bonds �e.g., Si-Si or O-O�. Si and O atoms
not flagged as defect atoms are located at the intersections of
dark gray or light gray sticks, respectively. The green ball
and vector indicates the initial position and recoil direction
of the recoil atom.

Figures 1�a� and 1�c� show that a high density of dynamic
network defects is generated during the collision cascade.
These defects appear in a region �10 Å in diameter and
centered �10 Å from the recoil atom’s initial position. This
is analogous to the amorphous pocket formation described
elsewhere following recoils in crystals �see, e.g., Ref. 17�.
The average number of each type of defect present at the end
of the ballistic collisional phase is shown in Fig. 2. Error bars
are the standard deviation of the number of defects among
different recoil directions. Dangling bonds are the primary
defects produced during the collision cascade following low-
energy recoils in a-SiO2. The majority of defect atoms is
undercoordinated or overcoordinated by one bond, and,
roughly defining a minimum volume sphere containing all
defects, more than half the atoms in the sphere are defect
atoms. After correcting for the number of dangling bonds
associated with the recoil atom alone �four of each species

FIG. 1. �Color online� a-SiO2 cells after 100 eV O ��a� and �b�� and Si ��c� and �d�� recoils. ��a� and �c�� Si and O network defects:
dangling bonds �dark balls�, overcoordinated atoms �light balls�, and self-bonded atoms �large balls�. ��b� and �d�� Recoil energy dissipation
and displacements: “hot” Si and O atoms �dark balls�, atoms displaced �1.17 Å and atoms displaced �0.2 Å but �1.17 Å �large and small
balls�. The recoil atom initial position and direction is indicated with a green ball and vector. See text for details.
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for a Si recoil, and two each for an O�, Si recoils produced
�20% more dangling bonds than O recoils, while O recoils
produced slightly more overcoordinated and self-bonded at-
oms. As all recoils had the same initial kinetic energy, these
variations are driven by recoil atom mass differences and the
species dependence of atomic interactions.

Returning to Fig. 1, panels �b� and �d� highlight the over-
all dissipation of recoil energy in the same a-SiO2 cells pre-
sented in panels �a� and �c�. Analogous to the melting tem-
perature in crystals, the glass transition temperature in
a-SiO2 �Tg�1200 K� �Ref. 30� is a reference for identifying
atoms with sufficient kinetic energy to have a high probabil-
ity of athermally breaking bonds and moving long distances.
From Boltzmann statistics, the average kinetic energy of a
particle in thermal equilibrium is 3

2kT. For Si or O atoms in
a-SiO2 at T=Tg�1200 K this is 0.22 eV. We refer to atoms
with kinetic energy �0.22 eV as “hot” atoms and indicate
them with blue �Si� or red �O� balls in Figs. 1�b� and 1�d�.
Large and small balls indicate atoms displaced �1.2 and
�0.2 Å from their original positions. It should be noted that
the transition from the ballistic collisional phase to the ther-
mally driven diffusion and relaxation phase of ion-induced
effects is characterized, in part, by a maximum in the number
of hot atoms. For times beyond this transition recoil energy
is dissipated among an increasingly large number of atoms,
and fewer individual atoms possess sufficient kinetic energy
to athermally break bonds. Hence, thermal processes domi-
nate ballistic processes.

The bottom panel of Fig. 2 shows the average number of
hot and displaced atoms at the end of the direct collisional
phase following Si and O recoils. Colors and error bars are as
above. The O:Si ratio for each category of atoms is indicated

below the histogram bars. The O:Si ratio for hot atoms and
those displaced �1.2 Å have been corrected by adjusting for
the recoil atom �which is included in the count of hot and
�1.2 Å displaced atoms for all recoils�. Recoil energy is
dissipated to a total of �30 Si and O atoms, all roughly
within the defected atom sphere described above. Both hot
atoms and atoms displaced �1.2 Å occur with an O:Si ratio
of �2. This corresponds to the a-SiO2 stoichiometry, and
indicates that no preferential scattering of O has occurred.

The degree of preferential scattering can be quantified by
considering the net relative displacement of all O and Si
atoms in each cell. Projected along the recoil direction, and
correcting for the 2:1 stoichiometry of a-SiO2, half the total
displacement of all O atoms minus the total displacement of
all Si atoms gives the recoil-induced separation between the
O and Si centers of mass. As defined, a positive net relative
displacement resulting from direct collisional processes cor-
responds to a preferential ballistic scattering of O, and a
contribution to supersaturations of O beyond an incident ions
end of range. For both the Si and O recoils studied here, we
find net relative displacements on the order of �1 Å, with
an average net relative displacement of −0.9 Å. This seems
to indicate that during the ballistic collisional phase prefer-
ential Si scattering occurs. In practice, though, net relative
displacements of ��1 Å do not result in observable con-
centration variations, and thus the present results demon-
strate that no meaningful preferential sputtering occurs dur-
ing the collisional phase. Therefore, experimentally observed
preferential sputtering of O leading to nanometer-scale varia-
tions in relative concentration and/or the removal of O from
nanometer-scale target layers are the result of thermal,
diffusion-related processes occurring on annealing time-
scales following a recoil event.

A diffusion-mediated origin for the observed concentra-
tion variations and stoichiometric imbalances in ion-
irradiated a-SiO2 requires that O outdiffusion from ion-
modified target regions dominates Si outdiffusion. Support
for this is found in the �2 O:Si ratio of atoms with small
displacements. Small displacements are indicative of atoms
that are unable to athermally �ballistically� break their bonds,
but that, over annealing time scales, will exhibit significant
thermal vibrations. In addition, while O atoms with dangling
bonds are held to the network by at most one additional
bond, Si atoms with dangling bonds are pinned to the net-
work by �as generally observed here� three additional bonds.
Combined with the high diffusivity of O in a-SiO2,31 the
present results provide evidence for increased O outdiffusion
from damaged regions—a process whose role in nanocrystal
formation has been highlighted in a recent calculation.9,10

Previous studies have also pointed to the importance of Si
dangling bonds in driving the nucleation and self-assembly
of nanocrystals in a-SiO2.32,33 The present results show that
low-energy recoils in a-SiO2 directly produce concentrated
pockets of dangling bonds. As described above, O rapidly
outdiffuses from damaged regions, leaving regions with high
concentrations of Si dangling bonds remaining near the re-
coil site. These dangling bonds represent highly reactive cen-
ters for nanocrystal nucleation, either as Si-rich centers for Si
nanocrystal formation, or as chemically active sites for the
incorporation of implanted group-IV or metallic ions. These
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FIG. 2. �Color online� �top� Average number of atoms with dan-
gling bonds, extra bonds, and self-bonds. �bottom� Average number
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small ��0.2 Å but �1.17 Å� displacements. Bar colors indicate
recoil species, and bold or light bars indicate defect/atom species.
See text for details.
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recoil-induced nucleation sites may explain the rapid nano-
crystal formation experimentally observed in the early stages
of annealing.7

The present results are also applicable to focused electron
or ion beam processing of oxides, particularly during nano-
pore formation.15,16 Previous studies designed to explore
beam-controlled growth and shrinkage of nanometer-scale
pores in oxides have observed concentration variations dur-
ing beam processing associated with preferential O
sputtering.15,34 Existing theories for nanopore formation, par-
ticularly with reference to electron irradiation, focus on joule
heating and ionization-induced bonding changes as the
physical processes driving viscous flow and sputtering of

material during irradiation.16,35 The present results indicate
that direct low-energy recoils induced by electron or ion ir-
radiation can play a role both in modifying the bonding net-
work of the target material, and in driving the formation of
O-poor regions within the beam spot. In addition, recoil-
induced damage to the oxide bonding network may explain
electron-beam-enhanced flow under low intensity electron
beams.15,36
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